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Secondary creep data are reported for an extruded nearly-lamellar Ti-48Al-1.5Cr-alloy
tested in a temperature range of 700 to 900◦C. Within this temperature regime, this alloy
exhibits a two-stage creep deformation behavior, with relatively high (approximately 8–12)
creep exponents occurring in the high stress/high temperature regime. The high exponents
in this regime are explained by dynamic recrystallization phenomena observed α2 + γ in the
nearly-lamellar microstructure. C© 2001 Kluwer Academic Publishers

1. Introduction
Gamma-titanium-based alloys with a lamellar- or near-
lamellar microstructure have been shown to have im-
proved fracture toughness [1–3] and fatigue crack
growth resistance [4–7] compared with those of duplex
α2 + γ alloys with equiaxed microstructures. Lamel-
lar gamma alloys have also been shown to have better
creep resistance than alloys with equiaxed micrstruc-
tures [8–11]. However, prior studies of secondary
creep deformation in lamellar and equiaxed gamma al-
loys suggest that the secondary creep exponents may
be anomalously high in some microstructural/alloying
conditions [11–17].

In the case of Ti-48Al-1.5Cr and Ti-48Al-2Cr-2Nb,
the high creep exponents (between 8 and 14) were at-
tributed originally to the effects of constant structure
creep [11]. It will be shown in this paper, that the re-
sults of transmission electron microscopy analyses of
crept Ti-48Al-1.5Cr specimens do not support the pos-
sibility of constant structure creep in this alloy. Instead,
the microstructural analysis reveals the occurrence of
dynamic recrystallization phenomena in the nearly-
lamellar microstructures. Since the dynamic recrystal-
lization reduces the effective grain size during creep
deformation, it is suggested that the apparently high
creep exponents are due largely to the faster secondary
creep rates associated with smaller overall grain sizes.

2. Materials
The γ -based titanium aluminide alloy that was used
in this experiment was produced by Flowserve, (for-
merly Duriron) Inc., Dayton OH, in the form of cylin-
drical billets of 150 mm diameter. The ingot was then
extruded, at Wright Patterson Ai-Force Base, Dayton
OH, at 1343 ◦C with a reduction of 14:1. The chemical
composition of the alloy, determined by combustomet-
ric techniques, was 49.1% Al, 1.79% Cr, 0.035% C,
0.0103% O, 0.011% N, 0.075% H and a balance of Ti
(compositions quoted in atomic %). Tensile specimens,
with an average gage diameter of 6 mm and an aver-
age gage length of 25 mm were fabricated by electro-
discharge machining (EDM), followed by turning into
cylindrical shape.

The specimens were heat treated according to the em-
pirical schedule shown in Fig. 1. This included: an ini-
tial heat treatment at 982◦C for 4 h and air-cooling; heat
treatment at 815◦C for 24 h and furnace cooling, and
heat treatment at 815◦C for 24 h followed by air cool-
ing. This empirical heat treatment profile, designated as
HTC in previous work [3], was chosen because it yields
a very good balance of room-temperature and elevated-
temperature properties, according to several studies of
mechanical properties of γ -titanium alloys produced
by both powder metallurgy [3] and ingot metallurgy
[18] techniques.
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Figure 1 Time-temperature profile for heat treatment (HTC) of the
ternary Ti-48Al-1.5Cr alloy.

The nearly lamellar microstructures of the un-
deformed and deformed heat-treated material are
shown in Fig. 2a and b, respectively. The heat-
treated microstructure consists of partially recrystal-
lized coarse grains (about 200 µm average colony
size) prior to deformation (Fig. 2a). This microstruc-
ture (Fig. 2a) undergoes further recrystallization dur-
ing creep deformation (Fig. 2b). Finer equiaxed grains
(5–15 µm average size) develop during creep defor-
mation, especially at the prior gamma grain boundaries
and triple points (Fig. 2b).

Coarsening and limited bowing of laths (Fig. 2b)
were observed after creep deformation at 900◦C for
20 h. A thick (200 µm thick) oxide layer was also
observed on the surfaces of the deformed specimens.
Transmission electron microscopy (TEM) analysis of
the undeformed samples revealed a recovered mi-
crostructure with relatively low dislocation density, as
shown in Fig. 3. This TEM micrograph also shows
the lath morphologies in the initially straight nearly-
lamellar microstructure. The average width of the γ

lamellae was approximately 400 nm while the average
width of the α2 lamellae was about 200 nm.

A summary of the tensile properties of the heat-
treated Ti-48Al-1.5Cr alloy is presented in Table I
for comparison with the creep loading conditions. All
high temperature tensile tests were carried out at con-
stant strain rate of 5 × 10−4 s−1. The 0.2% offset yield
strength decreases from 607 MPa, at room tempera-
ture, to 704 MPa at 815◦C. The corresponding change
in the ultimate tensile strength is a decrease from 704
to 659 MPa. The plastic elongation to failure also in-

Figure 2 Nearly-lamellar Microstructure of Ti-48Al-1.5Cr alloy after the HTC anneal (a) Before deformation and (b) After deformation.

TABLE I A summary of the tensile properties of Ti-48Al-1.5Cr at
room-and elevated temperature

Room Elevated
Tensile properties temperature temperature (815◦C)

0.2% off set yield strength (MPa) 607 555
Ultimate tnesile strength (MPa) 704 659
Young’s Modulus (GPa) 160 —
Elongation to Failure (%) 1.4 25.6

Figure 3 TEM image of undeformed section of the Ti-48Al-1.5Cr
specimen.

creases from 1.4% to 25.6%, as the temperature is in-
creased from 25 to 815◦C.

3. Experimental procedures
Tensile creep tests were performed on similar speci-
mens to those employed in the tensile tests. The exper-
iments were conducted in air at temperatures of 700,
800 and 900◦C. The initial mean stresses ranged from
70 to 400 MPa, and creep rates were determined at 3–6
different stress levels for each temperature regime. Dis-
placements during creep were monitored using a linear
voltage displacement transducer (LVDT) attached to
gage sections.

Creep testing was continued until steady-state creep
conditions were established for a minimum of 24 h. For
most specimens, and for each temperature, the mean
stresses were increased in increments of approximately
100 MPa, and the above procedure was repeated un-
til new steady-state conditions were established. This
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made it possible to obtain steady-state creep data for
multiple stress levels at the same temperature.

In contrast to specimens subjected to multiple stress
levels, some specimens were tested only under one
stress level, making it possible to evaluate the effect
of multiple stress levels on creep behavior. In general,
good agreement was observed between the secondary
rate data obtained from specimens subjected to a sin-
gle stress level, and those deformed at multiple stress
levels.

Transmission electron microscopy analysis was car-
ried out on thin foils extracted from the gage sections
of the specimens that were deformed only at a single
stress level. The foils, which were extracted via electro-
discharge machining, were electro-polished in a per-
chloric acid solution. They were then examined in a
transmission electron microscope (TEM) operated at
200 kV. TEM was used to examine the microstructure
of foils prepared from both deformed and undeformed
sections of the specimens subjected to creep deforma-
tion. This made it possible to distinguish between the
substructures due to creep, and those that occurred pri-
marily as a result of thermally-induced phase transfor-
mations.

The thinned sections of the TEM foils of the de-
formed gage sections were also studied using an opti-
cal microscope equipped with a polarizer and a high-
intensity xenon light source. This microscope made it
possible to examine the evidence of dynamic recrys-
tallization without etching. For comparison, metallo-
graphic cross sections of selected specimens were also
examined after grinding and diamond polishing with
standard techniques.

4. Results and discussion
4.1. Secondary creep rates
A plot of the secondary creep rate versus applied initial
stress is presented for the Ti-48Al-1.5Cr alloy in Fig. 4.
There are two distinct (stress-temperature) regimes as-
sociated with secondary creep behavior. In the low
stress regime, (80–400 MPa) the secondary creep ex-

Figure 4 Secondary creep rate data for the Ti-48Al-1.5Cr.

ponents are 2.4, 2.3 and 3.5 at 700, 800 and 900◦C.
However, in the high stress regime (>400 MPa), the
corresponding stress exponents for the same tempera-
tures are 14.3, 12.0 and 8.6.

The steady-state creep activation energy for a mean
stress of 200 MPa was determined to be 292 kJ/mol.
This value is close to that of self-diffusion of Ti in
single phase γ -TiAl (290 kJ/mol) and is also close to
300 kJ/mol reported by Ref. [34] and suggests a disloca-
tion climb dislocation mechanism could be operational.
This is typical for the lower creep exponent regime as
evidenced by values of 300 kJ/mol reported by Martin
et al. [30] for a Ti-50.3 Al made by powder metal-
lurgy, and hot extruded at 1413◦C. The microstructure
was lamellar + γ colony, and the alloy was tested at
103–241 MPa in the temperature range of 700–950◦C.
This resulted in a creep exponent of 4.

A higher activation energy was reported by Hayes
and London [9] (320–341 kJ/mol) for Ti-48Al-1Nb
with a lamellar “colonies + equiaxed” γ structure
tested at 704–850◦C under 103–241 MPa stress with
a creep exponent of 4.5–5. Higher activation energies
are associated with higher creep exponents.

An activation energy of 359 kJ/mol was reported by
Takahashi and Oikawa for a Ti-50Al in as-cast condi-
tion with “lamellar + γ colony boundaries” structure
tested in the stress range of 100–251 MPa. The alloy
was tested at 677–877◦C and resulted in a high creep
exponent of 7.9. A high activation energy of 600 kJ/mol
was reported by Oikawa [33] for a Ti-50Al alloy with
equiaxed γ grains. This alloy was tested in the stress
range of 100–400 MPa at 827 ◦C, resulting in a high
exponent of 7.7.

For Ti-48Al-2Cr-2Nb produced by vacuum arc
melting with a duplex microstructure tested at 103–
300 MPa, Wheeler et al. [31] reported 300 kJ/mol for
low stress regime (creep exponent of 3) and 410 kJ/mol
for high stress regime (creep exponent of 4). While
some of these studies [9, 31, 32] suggest a well-defined
steady-state creep, others agree on a minimum creep
range [28–30]. The steady-state activation energy as-
sociated with the higher-exponent regime was found,
in this study, to be 630 kJ/mol at 400 MPa (Fig. 4).
The significant differences between the activation en-
ergies and the creep exponents suggest that the creep
deformation mechanisms are different at the lower and
higher strees levels.

The secondary creep exponents of 2.3–3.5 are consis-
tent with dislocation-glide controlled creep [13]. How-
ever, the higher exponents of 8.6, 12.0 and 14.3, ob-
tained at higher stress levels are between two and
three times greater than those associated with con-
ventional dislocation glide/climb-controlled creep [13].
This indicates that mechanisms other than conventional
dislocation-controlled creep, may be operational at the
higher strees levels.

4.2. Deformation substructures
The results of TEM on the Ti-48Al-1.5Cr alloy are
shown in Fig. 5a and b. The dislocation density in
the sample that was tested at 700◦C and 220 MPa was
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Figure 5 Bright field TEM images from specimens crept at 700◦C at stress levels of (a) 220 MPa and (b) at 345 MPa.

relatively low in the deformed section (Fig. 5a), and was
comparable to that in the undeformed section (Fig. 3).
However, there is a significant increase in dislocation
activity at higher stress levels (Fig. 5b). The dislocation
configurations at higher stress levels included tangled
dislocation networks and hard slip modes (slip across
the width of lamellae), as shown in Fig. 5b for a sample
deformed at 700◦C and 345 MPa. Most of the dislo-
cations observed in this sample were of the 1/2 [110]
type.

Typical dislocation substructures observed in the
sample deformed at 800◦C and 220 MPa are presented

Figure 6 Bright field TEM images of specimens deformed at 900◦C under stress levels of (a) 220 MPa and (b) 345 MPa.

Figure 7 Bright field TEM images of specimens deformed at 900◦C under stress levels of (A) 86 MPa, and (b) 138 MPa.

in Fig. 6a. This shows clear evidence of a soft slip mode
(slip along the length the length of the lamellae) and
dislocation loops emanating from lamellar boundaries.
The relative contributions of these dislocation loops to
the creep deformation are not well understood at this
time. In the higher stress regimes, at 800◦C, the dis-
location density is increased significantly and some of
the lamellae are bowed as a result of the deformation.

The substructures observed in the specimens tested
at 900◦C at a mean stress of 86 MPa (low stress regime),
reveal clear evidence of a tangled dislocation network
(Fig. 7a). This dislocation network is the reminiscent of
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the earliest stages of a cell structure. In contrast, sam-
ples tested at the same temperature, but under a mean
stress of 138 MPa (higher stress regime), exhibit a high-
density of individual dislocations within a “staircase”
arrangement (Fig. 7b).

4.3. Dynamic recrystallization
TEM foils extracted from the deformed sections of the
crept specimens were studied in an optical microscope
under polarized light from a xenon high-intensity light
source. The polarized light imaging revealed strong evi-
dence of dynamic recrystallization, as shown in Fig. 8a–
d. Furthermore, as the test temperature or stress level
is increased, the extent of dynamic recrystallization
was observed to increase. However, this increase was
less pronounced for increased stress than it was for in-
creased temperature.

To quantify the extent of dynamic recrystallization,
qualitative image analyses of the photomicrographs
(Fig. 8a–d) was carried out. The results are summarized
in Fig. 9. This shows a plot of the volume fraction of
dynamically recrystallized grains against mean stress,
for temperatures between 700 and 900◦C. It is impor-
tant to note here that the volume fraction of recrystal-
lized grains was calculated by subtracting the volume

Figure 8 Evidence of dynamically recrystallized grains in specimens deformed at (a) 700◦C/220 MPa, (b) 700◦C/345 MPa, (c) 800◦C/220 MPa and
(d) 900◦C/138 MPa.

Figure 9 Volume fraction of recrystallized grains plotted for various
temperatures as a function of applied stress.

fraction of the recrystallized grains before creep defor-
mation from the total volume of recrystallized grains
after creep deformation. Similar evidence of dynamic
recrystallization has been observed in gamma alloys by
numerous research groups [12, 23–27].

4.4. Related prior work
Significant efforts have been made by a number of re-
searchers to study the creep deformation mechanisms in
gamma-based alloys [9–17, 20–22]. All of these studies
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conclude that creep is dislocation-controlled, especially
at higher stresses (greater than ∼200–300 MPa). How-
ever, relatively low secondary creep exponents (be-
tween 1 and 2) have also been reported at low stresses
(below ∼200 MPa) [11, 14, 17], suggesting a pos-
sible role of diffusion-controlled creep mechanisms
[11, 14] in this regime. Lower activation energies (ap-
proximately half of those in the high stress regime) and
secondary creep exponents close to 2 have also been
suggested as evidence of Coble creep in some alloys
[11, 17]. However, these have not been corroborated
with experimental evidence from scratch/grid displace-
ment experiments.

At stresses above ∼300 MPa, a number of mecha-
nisms have been associated with creep deformation in
gamma alloys. As stated earlier, all the studies acknowl-
edge the significant role of dislocation-controlled creep
[9–18, 20–22], which is generally expected when the
secondary creep exponent is between 3 and 7. However,
a number of researchers [11, 14, 16, 17] have reported
higher creep exponents between 7 and 14. Soboyejo
et al. [11] and Wang [17] attributed this to the possi-
ble effects of constant structure creep which tends to
give the squared stress, (σ 2)n dependence that gives
rise to creep exponents that can very between 7 and 14
[11, 17]. Such dependence can be written as:◦
ε = A(σ 2

d )2n exp(−Q
RT ) which shows an apparent expo-

nent twice that of a conventional creep exponent. How-
ever, the TEM analyses in this study do not support this
argument.

In addition to conventional dislocation-controlled
creep, other researchers [12, 22] have also demonstrated
that significant levels of deformation-induced twinning
can occur in some gamma alloys. Since the formation
of deformation twins involves the movement of [112]-
type partial dislocations, and the formation of complex
stacking faults, this may be considered as a special case
of dislocation-controlled creep. Furthermore, deforma-
tion – induced twinning has not been shown to always
give rise to higher creep exponents, although Skrotzki’s
result [12] of n = 8 is somewhat higher than what would
be expected for dislocation-controlled creep [19].

Another factor that can contribute to creep deforma-
tion behavior at higher stresses is the fact that disloca-
tions are emitted from the interfaces between lamellae

Figure 10 Schematic illustration of the possible effects of dynamic recrystallization on secondary creep rate: (a) The effect of increased volume
fraction of recrystallized grains on overall secondary creep rates and creep exponents, and (b) Change in stress exponent due to change in grain size.

during creep deformation [15, 20]. Such interfacial dis-
locations may give rise to faster creep rates by increas-
ing the population of mobile dislocations. However,
they may also assist with the accommodation of grain
boundary deformation. The role of interfacial disloca-
tions in the elevation of the stress exponents is, there-
fore, unclear.

4.5. The source of apparently high
creep exponents

The phenomenological equation that has been used to
characterize secondary creep rate, εs

◦ , is generally of the
form [19]:

εs
◦ A

dm
(σ )n exp

(
− Q

RT

)
(1)

where A is a material mechanism constant, m is gen-
erally equal to 2 except for the case of grain boundary
diffusion-controlled creep for which m is 3, σ is the
applied mean stress, d is the grain size, Q is the activa-
tion energy, R is the universal gas constant and T is the
absolute temperature. In cases where the grain size is
constant during creep deformation, taking logarithms
of either side of Equation 1 gives:

ln(εs
◦ ) = n ln σ + ln

(
A

d2

)
− Q

RT
(2)

For a constant temperature and a stable microstructure
during secondary creep, ln( A

d2 ) − Q
RT is a constant, C1,

which would correspond to the intercept on the ln(εs
◦ )

axis on a plot of ln(εs
◦ ) versus ln σ . Hence Equation 2

reduces to:

ln(εs
◦ ) = n ln σ + C1 (3)

If the effective grain size, d, decreases due to dynamic
recrystallization during creep deformation, then, the in-
tercept on the ln (εs

◦ ) axis will shift, giving rise to a
family of lines with the same slope, n, as the original
line. This is shown schematically in Fig. 10a, in which
the dashed lines correspond to a family of lines of con-
stant slope, n. The solid line in this figure corresponds
to a schematic dependence of ln (εs

◦ ) on ln σ . Note that,
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for each value of σ , the value of εs
◦ is increased from

the original line by an amount corresponding to the de-
crease in the effective grain size due to the dynamic
recrystallization that occurs during creep deformation.

4.6. Quantifying the increase in
the stress exponent

The increase in the stress exponent due to dynamic re-
crystallization is illustrated in Fig. 10b. It has also been
modeled in Appendix A. The model predicts that �n
is given by:

�n = napp − n =
2 ln

(
d1

d2

)

ln

(
σ2

σ1

) (4)

It also predicts an increase in the creep exponent if both
the stress and the grain size change. From the micro-
graphs showing evidence of dynamic recrystallization,
d1/d2 is between 2 and 4 for σ2/σ1 ratio of 1.5. Substi-
tuting these ratios in the Equation (4) gives a �n value
of 3.4 to 6.8.

Since the TEM revealed clear evidence of dislocation
creep, classical creep theory suggests that the creep
exponent, n, should be between 3 and 7 [19]. However,
due to possible dynamic recrystallization phenomena,
the apparent stress exponents, napp = n + �n, are ∼6.4
(3 + 3.4) and 13.8 (7 + 6.8). This is consistent with the
range of creep exponents (8.6–14.3) determined from
experiments conducted in this study.

However, it is important to note here that, the above
model provides only a semi-quantitative rationale for
the observed increase in stress exponents. This is partly
because it considers only an average grain/colony size
in a system that has a predominantly lamellar structure.
This is clearly a difficult approximation that must be
made in the absence of a better measure of a microstruc-
tural unit size for a complex lamellar + equiaxed α2 + γ

structure. Furthermore, the model does not account for
the degree of recrystallization, except through its influ-
ence on the measured grain size.

Nevertheless, the model provides some valuable in-
sights and reasonable semi-quantitative estimates of the
possible role that dynamic recrystallization plays in in-
creasing the creep exponents in gamma-based alloys.
The predicted apparent creep exponents are also in good
agreement with the experimental results.

4.7. Implications
The high secondary creep exponents (Fig. 4) observed
for the lamellar Ti-48Al-1.5Cr alloy can, therefore, be
attributed to the dynamic recrystallization phenomena
(Figs 4 and 8) that occur during creep deformation at
higher stresses and temperatures (Fig. 8).

Since dynamic recrystallization reduces the effec-
tive grain size during creep deformation, the secondary
creep rates, which are generally inversely proportional
to the square of grain size, will be faster than those in
alloys with stable coarser microstructures, and constant
values of d.

Furthermore, as in previous studies [12–18, 20–22],
the TEM analyses revealed significant dislocation ac-
tivity at all the stress levels and temperatures that were
examined in this study. However, with the exception of
the low stress/low temperature regime, where the ex-
tent of dynamic recrystallization was very small, the
creep exponents and activation energies appeared to be
controlled largely by dynamic recrystallization (Figs 4
and 8).

The above evidence of dynamic recrystallization is
consistent with recently published evidence of dynamic
recrystallization by numerous research groups [12, 23–
28]. These studies show clear evidence of dynamic
recrystallization in lamellar gamma alloys, in the so-
called primary, secondary, and tertiary creep regimes.
This indicates that some lamellar structures may be in-
herently unstable under creep conditions unless some
special efforts are made to stabilize their microstruc-
tures via alloying or heat treatment. The improved fa-
tigue crack growth and fracture resistance of lamellar
gamma alloys [1–7] may, therefore, be compromised
by the effects of dynamic recrystallization.

Furthermore, since the microstructures of some
lamellar alloys may be unstable, their mechanical prop-
erties may change significantly during creep defor-
mation in the potential service temperature regime
(∼650–760◦C). This may limit some of the potential
applications of lamellar gamma alloys in future aero-
engines and land-based engines. Further work is clearly
needed to develop gamma alloys with microstructures
that are resistant to dynamic recrystallization in the po-
tential service temperature range.

5. Conclusions
1. The transmission electron microscopy analyses sug-
gest that creep deformation in the Ti-48Al-1.5Cr al-
loy involves significant dislocation activity. At lower
stresses and temperatures, the creep exponents and ac-
tivation energies suggest a mechanism of dislocation
glide-controlled creep. More complex dislocation con-
figurations (networks and cell structures) are observed
at higher stresses and temperatures.

2. The secondary creep behavior at higher stresses
is significantly affected by dynamic recrystallization
phenomena. The extent of dynamic recrystallization in-
creases with increasing stress and temperature. How-
ever, the extent of dynamic recrystallization is more
significantly affected by stress, than by temperature. It
has the overall effect of reducing the overall grain size
of the initial lamellar structure.

3. The high stress exponents at higher stresses and
temperatures are attributed to the effects of dynamic
recrystallization, which increase with increasing stress
and temperature. The possible increase in the creep
exponents, due to dynamic recrystallization have also
been predicted by a simple model to be in the range be-
tween 3.4 and 6.8. These give predictions of apparent
stress exponents (6.4–13.8) that are in good agreement
with the measured values (8.6–14.3).
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Appendix A
Consider three points 1, 2 and 3 in the plot of strain rate
against stress shown in Fig. 10b. Point 1 is a regular
point on the creep rate-stress curve prior to dynamic
recrystallization characterized by σ1 and ◦

ε1. Point 2 is
located on the curve at an arbitrary creep rate, ε2, and
corresponding stress level, σ2. However, at this point,
the microstructure, and particularly, grain size remain
unchanged.

If the microstructure changes, e.g. grain size de-
creases due to dynamic recrystallization, the resulting
creep rate at σ2, would not be ◦

ε2, rather, it would be at
a higher value, ◦

ε3, corresponding to point 3. The creep
rate [19] for the points 1, 2 and 3 can be expressed as:

ln
(
ε1

s
◦ ) = n lnσ1 + ln

(
A

d2
1

)
− Q

RT
(A1)

ln
(
ε3

s
◦ ) = n lnσ2 + ln

(
A

d2
2

)
− Q

RT
(A2)

where d1 and d2 denotes the average grains size before
and after dynamic recrystallization taking place in the
time period lapsed between the two points 1 and 3.
It should be noted that σ2 = σ3. Hence Equation 2 in
the text can be written for these 2 points. Subtracting
Equation A1 from Equation A2 gives:

ln
(
ε3

s
◦ ) − ln

(
ε1

s
◦ ) = n ln σ3 + ln

(
A

d2
2

)

− n ln σ1 − ln

(
A

d2
1

)
(A3)

The apparent slope, napp (Fig. 10.b), can also be written
as:

napp = ln
(
ε3

s
◦ ) − ln

(
ε1

s
◦ )

ln σ3 − ln σ1
(A4)

Substituting Equation A3 into A4, and simplifying
gives:

napp = ln
(
ε3

s
◦ ) − ln

(
ε1

s
◦ )

ln σ2 − ln σ1
= n ln σ2 − n ln σ1

ln σ2 − ln σ1

+
ln

(
A

d2
2

)
− ln

(
A

d2
1

)

ln σ2 − ln σ1
= n +

2 ln

(
d1

d2

)

ln

(
σ2

σ1

) (A6)

Finally, the increase in the creep exponent, �n =
napp − n, may be determined by rearranging Equation
A5 to give:

�n = napp − n =
2 ln

(
d1

d2

)

ln

(
σ2

σ1

) (A7)
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